Thin epitaxial films have a great potential to be used in real life applications, such as oxide-on-silicon. However, they often contain a large amount of defects, leading to an enhanced electrical conductivity. This could be desirable in some applications (i. e. memristors), but the mechanism is not fully understood. Here we report on the investigation of epitaxial barium strontium titanate thin films deposited on strontium titanate single crystal substrates (Ba 0.7 Sr 0.3 TiO 3 /SrRuO 3 //SrTiO 3 heterostructures) with a controlled epitaxial strain. The impedance analysis allowed us to propose a model, which explains changes in the temperature dependence of the conductivity based on the strain-dependent anisotropic change of electron/hole mobility.
Introduction
Barium strontium titanate (Ba 1-x Sr x TiO 3 , hereafter referred to as BST) thin films have been intensively investigated for applications in high density dynamic random access memories [1] , IR detection [2] , tunable microwave devices [3] , and also for the sensing of humidity [4, 5] and gas [6] . The material is very attractive for engineers because of its high dielectric constant, low dielectric loss, good thermal stability, and good high frequency characteristics. BST is a continuous solid solution between BaTiO 3 and SrTiO 3 over the whole concentration range. Both experimental reports and theoretical studies of the BST phase diagram of single crystals and ceramic were published in a number of papers [7] [8] [9] [10] [11] [12] . It was shown that the temperatures of all three phase transitions of pure barium titanate decrease linearly in the BST solid solution with increasing of the Sr content up to 0.2 < x < 0.25. In this solid solution region all phase transitions merge into one and the paraelectric-ferroelectric phase transition type transforms from the first order to the second order one [10] . As a result, the transition temperature and hence the electrical and optical properties of BST ceramic can be tuned in a controllable way to get various functionalities for electronic and electromechanical applications.
While it is possible to tailor properties of the bulk material by changing its chemical composition, thin films add one more way for fine-tuning the properties -internal fields. They could be, in most cases, electrical, mechanical or both. These fields arise due to a variety of reasons including the lattice mismatch between the film and the substrate in the case of epitaxial films and differences between the thermal expansion coefficients (TECs) of the film and the substrate [13] . The lattice mismatch is known to alter the Curie temperature, leading to the stabilisation of the ferroelectric phase at much higher temperatures [13] . However, these effects are much more visible in epitaxial thin films, while interfacial effects are most significant in the case of polycrystalline films. The interfaces often contain depleted regions [14] as perovskite oxide ferroelectrics are widebandgap semiconductors [15] . This leads to the formation of the so-called "dead layer", which significantly deteriorates the macroscopically observable properties [16, 17] . Epitaxial films would be beneficial in the cases of real devices as there would be only one well-defined interface. Unfortunately, the leakage current in epitaxial thin films is often very high, and its origin is not fully understood. It is agreed that at room temperature (RT) perovskites (in contrary to non-oxide covalent semiconductors like Si) contain large concentrations of defects [18] , oxygen vacancies being most probable of them [19, 20] . Migration of these defects and reorientation of the extended defect complexes [21] [22] [23] play a key role in resistance degradation and fatigue of ferroelectric ceramic capacitors and devices. Similar effects take place at the micro-and nanoscale in the thin films and are responsible for the long-term degradation of properties [24, 25] . However, little is known about the exact origin of the defects and mechanisms of charge transfer. The aim of this work is to link the misfit strain of the film with mobility, or rather its activation energy, of the most abundant charge carriers.
Experiment
Ba 0.7 Sr 0.3 TiO 3 (BST) epitaxial thin films of different thicknesses were deposited by the pulsed laser deposition technique (PLD with RHEED -reflection high energy electron diffraction -capability) using a KrF excimer laser (λ = 248 nm) on (001) oriented low miscut SrTiO 3 (STO) single-crystalline substrates (CrysTec, Germany). SrRuO 3 (SRO) was used as a lower electrode in the metal-insulator-metal structure. Prior to the heterostructure deposition, STO substrates were etched in buffered HF acid (buffered oxide etchant) and annealed (in O 2 flow) at high temperature (approx. 1 hour at 900 °C) according to the procedure described in the work of Koster et al. [26] to obtain a single site terminated and atomically smooth surface. BST and SRO layers were deposited from ceramic targets on the STO substrates at 800 and 625 °C temperatures, respectively, 0.143-0.146 mbar partial oxygen pressure in the deposition chamber, 32-40 mJ laser energy and 2-3 Hz repetition rate. After the depositions, all samples with the BST and SRO films were annealed in a PLD chamber (to assure oxygen stoichiometry) at increased partial oxygen pressure (p O 2 was increased from 0.145 mbar to 1 mbar) while cooling down from the deposition temperature. The cooling rate was 10 °C/min. XRD experiments (coupled ω-2Θ and rocking curve -ω scans) were performed at room temperature with a Bruker D8 Discover high resolution diffractometer using a Ni filtered monochromatic Cu K α radiation source. The epitaxial relations and thickness of thin films were measured after the deposition by TEM (Philips CM300 FEG TEM operated at 300 kV). Local piezoelectric characterization at room temperature was done with an Asylum Research Cypher AFM piezoelectric force microscope (PFM) working in the DART (dual AC surface resonance tracking and band excitation mode) enhanced sensitivity mode [27] with Ti/Ir or Cr/Pt coated conductive probes.
An HP4284 precision LCR-meter was used for the complex impedance measurements at temperatures from 500 to 300 K during the cooling cycle at a rate of about 1 K/min and frequencies from 20 to 1 MHz. Before the electrical measurements sputtered Pt or Cr/Au top electrodes were deposited through a shadow mask. In this article we will use the abbreviations BST 215 and BST 160 which correspond to Ba 0.7 Sr 0.3 TiO 3 thin films with the thickness of the functional layer equal to 215 and 160 nm, respectively. Figure 1 shows the frequency dependences of specific impedance of 215 and 160 nm films. A strong dispersion of specific resistivity can be seen below ~10 kHz frequency for both samples. On cooling the maximum of the imaginary part of ρ * moves toward lower frequencies indicating the thermally stimulated behaviour of this dispersion. To gain more information from this dispersion we fitted it to the Havriliak-Negami equation [28] which generalises all relaxation-type dispersion relations:
Experimental results
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Here Δρ corresponds to the static specific resistivity, τ is the mean relaxation time of the process, α describes the spectral width, and γ is related to both the spectral width and asymmetry. ω is the angular frequency. During the data approximation it was found that α and γ parameters differ by less than 0.05 from 0 and 1, respectively. Thus, if one replaces these parameters in Eq. (1) by the respective constant values, we arrive at the situation where our system can be described as a single parallel RC circuit. The values of dielectric permittivity, which were recalculated from the complex resistivity data, are presented in Fig. 2 . Experimental investigations of the phase diagram of BST crystals [8] , supported by theoretical calculations [9] , have shown that the addition of Sr to BaTiO 3 leads to the decrease of temperatures of all three phase transitions and at 30 percent of strontium doping the ferroelectricity appears slightly below the room temperature. In the case of thin films, substrate-induced stress shifts the ferroelectric phase transition to higher temperatures when compared to the bulk material [13] . Indeed, in Fig. 2 the dielectric anomaly can be observed at somewhat higher (approx. 400 K) temperature but only at the highest frequencies. While it does not resemble the real peak of the dielectric permittivity at the phase transition point, it could be that this peak is blurred due to high electrical conductivity. As it is clearly seen from Figs. 2(b) and (d), low frequency dielectric losses are really high and screen completely the dielectric response. Another reason could be the weakening of the ferroelectric properties due to the size effect. In nanosized materials it is often the case [29] . It could be that in our films we have the superposition of both effects.
BST in both heterostructures was in the ferroelectric phase at room temperature. This fact was confirmed by the possibility to write an artificial ferroelectric domain pattern into the heterostructure by PFM (Fig. 3) .
XRD measurements of 215 and 160 nm thick samples are presented in Fig. 4 . STO, SRO and BST peaks are clearly distinguishable and indexed in both heterostructures. In the both cases SRO and BST layers were epitaxially deposited, evidenced by the STO having only <001> family diffraction peaks, and the corresponding SRO pc and BST showing only (00l) diffraction peaks. We have indexed the SRO as having pseudo cubic lattice symmetry -SRO pc ; this is usually a sufficient approximation when the SRO film is fully strained and serves only as an electrode, but not as a strain relaxation layer. No secondary phases or differently oriented grains were observed by XRD (large angle scans are not shown here). Out-of-plane lattice parameters of BST and SRO pc were elongated due to the presence of epitaxial strain and clamping by the underneath STO lattice. For the SRO layer, the strain arose from mismatches of the lattice parameter and thermal expansion coefficient compared to the substrate. For the BST layer, there was an additional strain component due to the ferroelectric phase , and (c) phase (more than 180° difference for both samples), after the poling experiment with -and + 6 V. Voltage applied to the SRO lower electrode and the PFM cantilever was grounded, negative voltage was applied to all scan area, then positive voltage was applied to a small square, finally imaged without DC bias. by other researchers in similar BST/SRO//STO heterostructures [31] , was chosen as the most probable scenario in our work. No splitting of the BST (002) peak was observed in thinner films even with a/c ferroelastic domain patterns (Fig. 5) . The formation of two BST sublayers is due to the change of the film growth mode, from a perfectly coherent (to substrate) lattice (probably step-flow mode) without any dislocations, to a less coherent one, with considerable strain relaxation (2D growth mode). Unfortunately, the transition between these two growth modes was not observed by RHEED, most likely due to fast roughening of the film surface and transition to the 3D (island) mode (also observed in [31] ). In the 160 nm film, the diffraction intensity of the relaxed part is much higher than that of the strained part (absolute intensity differs more than 10 times). The intensity must be proportional to the volume. This indicates that almost all thin film is relaxed. On the other hand, the thicker film has two distinct regions with different strain, which give similar diffraction intensity and, correspondingly, volume.
Unequal volume fractions of strained and relaxed sublayers (in different thickness BST films) are confirmed by reciprocal temperature dependences of the static specific resistivity, which are plotted in Fig. 6 . These graphs show the Arrhenius-type behaviour, therefore the experimental data was fitted to Eq. (2) (solid lines in the figure):
Here ρ 0 is the specific resistivity at infinite temperature, Ea is the activation energy, and T is the temperature. transformation at T c (ferroelectric phase transition from cubic/paraelectric to tetragonal/ferroelectric phases in bulk material), evidenced as formation of an a/c ferroelastic/ferroelectric domain pattern below T c (Fig. 5 left) . In the 215 nm heterostructure, the BST 002 peak is split into a double peak at 44.63 and 45.06° (44.71 and 45.2° in BST 160 case). Such splitting can be related to the differently oriented a and c ferroelectric (and ferroelastic) domains (with different out of plane lattice parameters) or an unintentionally formed BST bilayer -two separated sublayers with different relaxation state and defect densities. The unavoidable strain relaxation in thick enough epilayers (thicker than critical thickness [30] ) and probable formation of two sublayers, also observed It was found that the 160 nm thick film has a single section with activation energy of 0.079 eV. Meanwhile, the 215 nm thick film has two regions with different activation energies: 0.056 above and 0.087 eV below the 370 K temperature. This can be explained by the (non-) uniform strain of the films. Below we propose a model to explain the results.
Let us assume that a thin film consists of a bottom electrode, a top electrode and two functional layers (strained and relaxed) as shown in Fig. 7 .
The total sample resistance is equal to a sum of the resistances of the strained and relaxed functional layers, as it is equivalent to the series connection of the layers (Fig. 7(b) ):
In such a case, the biggest resistance will dominate the total resistance, and the experimentally observed value of the activation energy will be determined by the activation energy of the dominating resistance.
A schematic illustration of the reciprocal temperature dependence of the total electrical resistance of double layered thin films is presented in Fig. 8 . Here, vertical black dashed lines show an experimental temperature range. Red and black solid lines represent the total resistance of the films with 160 and 215 nm thicknesses, respectively. This illustration indicates that both samples exhibit the same behaviour. In the case of the 160 nm film, the resistance of the strained layer dominates at much higher temperatures than in the case of the 215 nm sample, thus the change of activation energy is visible only in the latter case. We can rewrite the Arrhenius law for electrical resistance of each functional layer:
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Here S is the area of the top electrode.
This model allows us to associate the activation energies with strain in the layers. It is possible due to the fact that both samples are fabricated with the same deposition parameters except the deposition time, which was needed to alter the total thickness. Thus, the nature of defects (and the source of electrons or holes) in the samples can be expected to be the same.
R strained R relaxed
The dependence of activation energy on strain in thin BST films was calculated according to the relation (c f -c b )/c f where c f and c b are the out-of-plane lattice constants of the film and bulk material, respectively. The lattice constants for our films have been obtained from X-ray measurements and c b was taken from the literature [32] . The results of the calculations are presented in Table 1 . As we can see from Table 1 , the activation energies of relaxed layers in different films are different. The BST layers were deposited at the same PLD conditions but at different strain state at deposition temperature. The strain state depends on the density of dislocations at deposition temperature. The latter depends on the thickness of the layer [33] , which was varied. As a result, different concentration of defects (dopants) in different samples was obtained even though the deposition conditions were the same, as evident from different activation energies for the relaxed layers. However, the activation energy of the specific resistivity is inversely proportional to the strain of the film if all other parameters (i. e. dopant concentration) are the same. This is easily realised in the case of physically the same film, which is in BST 215. Furthermore, the concentration of possible structural defects is smaller in the strained layers, since relaxation is realised by defects, i. e. displacement of ions. This means that bigger activation energy in the case of a relaxed layer can only be related to strain. Keeping in mind the low values of E a , the conductivity must be coming from some easily ionised defects, which are the source of either electrons or holes. However, the activation energy of the resistivity depends on the ionisation energy of the defects (which is unlikely to change as drastically with strain) as well as the activation energy of the electron/hole mobility. Furthermore, the induced strain must be creating an anisotropic environment around the defects. This would lead to anisotropic mobility of the charge carriers. As the investigated films are epitaxial and the resistivity was measured in the out-of-plane geometry, this means that the positive out-of-plane strain lowers the activation energy of mobility, leading to the decrease in the activation energy of specific resistivity.
Conclusions
We have reported on the synthesis and experimental investigation of electrical properties of epitaxial BST 70/30 thin films grown on the (001) STO substrate. It was found that the films consist of two BST sublayers, one of them fully strained by the substrate and the other relaxed. These layers have different activation energies of the specific resistivity. A model was proposed to explain the experimental results, which points to an important conclusion -the positive out-of-plain strain lowers the activation energy of the mobility of electrons (or holes) in the investigated films. The obtained results can be used to engineer the mobility of charge carriers in thin films by strain in various electronic devices, such as memristors, electromechanical devices and on-chip resistors in oxide-on-Si integrated circuits.
